Lithium can be reversibly intercalated into layered Li 1+x V 1−x O 2 (LiCoO 2 structure) at ∼0.1 V, but only if x > 0. The low voltage combined with a higher density than graphite results in a higher theoretical volumetric energy density; important for future applications in portable electronics and electric vehicles. Here we investigate the crucial question, why Li cannot intercalate into LiVO 2 but Li-rich compositions switch on intercalation at an unprecedented low voltage for an oxide? We show that Li + intercalated into tetrahedral sites are energetically more stable for Li-rich compositions, as they share a face with Li + on the V site in the transition metal layers. Li incorporation triggers shearing of the oxide layers from cubic to hexagonal packing because the Li 2 VO 2 structure can accommodate two Li per formula unit in tetrahedral sites without face sharing. Such understanding is important for the future design and optimization of low-voltage intercalation anodes for lithium batteries. R ecent reports that Li can be reversibly intercalated into the layered compound Li 1+x V 1−x O 2 (with the LiCoO 2 structure) at a potential of ∼0.1 V versus Li + /Li represent an important milestone in lithium-ion battery research [1] [2] [3] [4] . For almost twenty years graphite has remained the dominant anode in rechargeable lithium-ion batteries; operating by intercalation of Li between the graphene sheets. Efforts to improve on the energy storage of graphite have concentrated on reactions other than intercalation, including silicon and tin anodes that form alloys with Li, conversion/displacement reactions such as Li + CoO and extrusion reactions . Although work on these alternatives to intercalation has made important progress, and Sn-Co-C alloys are in use, in general, problems of large volume expansion or large voltage hysteresis remain to be solved. As a result, intercalation remains an attractive mechanism for lithium-ion batteries.
R ecent reports that Li can be reversibly intercalated into the layered compound Li 1+x V 1−x O 2 (with the LiCoO 2 structure) at a potential of ∼0.1 V versus Li + /Li represent an important milestone in lithium-ion battery research [1] [2] [3] [4] . For almost twenty years graphite has remained the dominant anode in rechargeable lithium-ion batteries; operating by intercalation of Li between the graphene sheets. Efforts to improve on the energy storage of graphite have concentrated on reactions other than intercalation, including silicon and tin anodes that form alloys with Li, conversion/displacement reactions such as Li + CoO and extrusion reactions . Although work on these alternatives to intercalation has made important progress, and Sn-Co-C alloys are in use, in general, problems of large volume expansion or large voltage hysteresis remain to be solved. As a result, intercalation remains an attractive mechanism for lithium-ion batteries.
Oxide intercalation hosts are attractive because their density is twice that of graphite, leading to double the volumetric energy density, something that is crucial for future applications in electronics and electric vehicles. The lowest voltage oxide intercalation hosts have been the titanates, but their potential is still relatively high at ∼1.6 V versus Li + /Li, compared with graphite at ∼0.1 V, thus halving the overall cell voltage and negating the benefits of using a dense oxide. This is why recent reports that Li can be intercalated into the layered transition metal oxide Li 1+x V 1−x O 2 , at ∼0.1 V and with a theoretical volumetric capacity of 1,360 mA h cm −3 compared to graphite at 790 mA h cm −3 , are so significant [1] [2] [3] [4] . Also, intercalation into an oxide at such a low voltage is unprecedented as usually conversion/displacement reactions dominate in this voltage region 20, 21 . Given the significance of Li intercalation into Li 1+x V 1−x O 2 , an important question that arises is why Li can only be intercalated into lithium-rich Li 1+x V 1−x O 2 , that is for x > 0 (refs 1,2). Here we investigate the intercalation process for Li 1+x V 1−x O 2 and in particular the key role of non-stoichiometry in switching on intercalation, using a combination of powder X-ray and neutron diffraction along with advanced computational methods. 
Initial characterization
Li 1+x V 1−x O 2 was prepared by solid state reaction as described in the Methods section. Powder X-ray diffraction patterns for x = 0, 0.03 and 0.07 are shown in Fig. 1a . All peaks may be indexed on the basis of the α-NaFeO 2 (LiCoO 2 ) crystal structure, space group R3m. The materials are highly crystalline, exhibiting sharp diffraction peaks (FWHM = 0.11
• in 2θ for the (104) reflection of x = 0.07). These results are consistent with the particle sizes observed by electron microscopy, Fig. 1b , which are typically 100-200 nm and with Brunauer-Emmett-Teller (BET) surface areas of 1-5 m 2 g −1 . Compositions were confirmed by structure refinement, inductively coupled plasma (ICP) and vanadium oxidation state analysis, as discussed later.
Structures of the as-prepared materials
To understand the intercalation process, and in particular why extra Li in the structure is necessary to facilitate intercalation, it is first necessary to establish the structures of the as-prepared materials. Rietveld refinement, employing combined X-ray and neutron diffraction data, because Li is insensitive to X-rays and V is insensitive to neutrons, was carried out on LiVO 2 and Li 1.07 V 0.93 O 2 , based on a structural model derived from LiCoO 2 (α-NaFeO 2 ) in which Co was replaced by V. The only positional parameter not constrained by symmetry is the z coordinate of O; this was allowed to vary freely. In view of the insensitivity of V to neutrons the temperature factor for the transition metal site was fixed in the course of the refinements; those of all other sites were varied independently. The cation distribution was investigated by refining Li and V on the transition metal, 3a, and alkali metal, 3b, sites of the R3m space group. In the case of the stoichiometric material, no occupancy of V on the alkali metal sites was observed; therefore, in the final refinements only Li was located on the alkali metal sites. The occupancy of the transition metal sites was 0.99/0.01(1) V/Li. The final refined composition was LiVO 2 within one standard deviation. For Li 1 Supplementary Table S1 along with the corresponding R-factors, which indicate excellent fits. The fitted profiles are available as Supplementary Fig. S1 . Chemical analysis was carried out by ICP, following the procedure described in the Methods section. 
The intercalation process
Considering first stoichiometric LiVO 2 , the load curve, Fig. 2 , exhibits a short plateau at 0.8 V corresponding to the potential of electrolyte reduction observed previously for graphite and other low voltage anodes [27] [28] [29] . The low voltage plateau is very short (∼40 mA h g −1 ), occurs at 0 V; there is no corresponding plateau on charge and no cycling. No change in the X-ray or neutron diffraction patterns was observed up to the end of discharge, consistent with the absence of intercalation into the stoichiometric material. There was no evidence of reduced vanadium phases, such as V or VO, or of Li 2 O that might have indicated a conversion reaction. This was also the case for the non-stoichiometric material, confirming the absence of conversion/displacement reactions. Turning to Li 1.07 V 0.93 O 2 , it also exhibits a short plateau at 0.8 V, Fig. 2 . However, in contrast to LiVO 2 , the low voltage plateau is extensive, commences at ∼0.1 V with a slight downward slope, possesses a corresponding plateau on charge (lithium extraction) and the material can be cycled (inset Fig. 2 ). The observed fading of capacity on cycling may be due to the volume change (∼25%) and to the two-phase nature of the intercalation reaction; the combination of which leads to strain at the interface between the two phases. However, the composite electrode structure (for example distribution of conducting matrix) may also play a role. Better capacity retention has been reported 30 . The extent of the low voltage plateau increases markedly with increasing lithium content up to x = 0.07, more lithium-rich compositions do not exhibit higher discharge capacities. The load curves are similar to previous reports [1] [2] [3] [4] . Powder neutron diffraction patterns collected at various points along the charge/discharge curve for x = 0.07 are shown in Fig. 3 . Commencing with discharge, the powder neutron diffraction pattern after the passage of 25 mA h g −1 , that is just after the 0.8 V plateau, is identical to that of the as-prepared material, in accord with the 0.8 V process being associated with reduction of the electrolyte, as described above. The sloping region of the load curve from 35 to 70 mA h g −1 has been attributed previously to further solid electrolyte interphase (SEI) layer formation/electrolyte reduction on the surfaces of the composite electrode materials 1,2 . This may be so to some extent, but neutron diffraction data collected at the end of the sloping region, Fig. 3 , show evidence of a new phase, co-existing with the as-prepared phase, and with a similar structure, but with the extra Li in tetrahedral sites in the Li layers. Such intercalation into the tetrahedral sites in the ccp structure is predicted by the modelling studies discussed later. Further detailed studies are required to fully explore and hence understand the process taking place in these early stages of the load curve, whereas the focus of the present paper is the low voltage plateau.
The diffraction data at 160 mA h g −1 and at the end of discharge both exhibit the presence of two phases, with the proportions of these phases varying as expected for a two-phase intercalation reaction. One phase possesses the structure of the as-prepared material and the diffraction data for the other corresponds to Li 2 are also derived by intercalation into the corresponding layered LiMO 2 phases but with the crucial difference that the voltage is >1 V in these cases [31] [32] [33] [34] [35] . Note that even at the end of discharge, 0 V cut-off, two phases remain, as shown in Fig. 3 .
Two phase refinements were carried out using combined powder X-ray and neutron diffraction data collected on the x = 0.07 material at 160 mA h g −1 and full discharge. The fitted profiles are available as supplementary data, Supplementary Fig. S2 , and demonstrate that the fit is good. Crystallographic parameters for the new, Li 2 VO 2 , phase are presented in Supplementary Table S2 . The structure of Li 2 VO 2 is composed of hexagonal close packed oxide ions with vanadium ions occupying alternate sheets of octahedral sites between the oxide ion layers and lithium ions occupying all of the tetrahedral sites in the intervening layers, Fig. 4 . On charging the cell to 2 V, the Li 2 VO 2 phase converts back to the original structure. High-resolution transmission electron microscopy data collected on samples discharged to 160 mA h g −1 , Supplementary  Fig S3, are consistent with the presence of two phases in the material. Overall the combined X-ray and neutron refinements confirm that Li intercalation occurs via a 2-phase mechanism between LiVO 2 and Li 2 VO 2 (refs 1,2).
On the basis of the ratios of the two phases extracted from fitting the powder diffraction data at 160 mA h g −1 and at the end of discharge, the amount of lithium intercalated as the discharge proceeds along the plateau has been calculated. The analysis indicates that the amount of intercalated lithium corresponds to charges of 65 and 166 mA h g −1 respectively, compared with the actual charges passed along the plateau of 90 and 240 mA h g −1 . Clearly, the charge passed on progressing along the discharge plateau exceeds the amount of lithium inserted into the structure, and this discrepancy increases with increasing depth of discharge, the difference being 25 mA h g −1 and 74 mA h g −1 respectively. A reduction process in addition to Li intercalation is taking place along the plateau. This may involve more SEI layer formation or the formation of soluble products from electrolyte reduction. The difference between the lengths of the charge and discharge plateaux for the x = 0.07 composition is similar to the discrepancy between the lithium content and charge passed along the first discharge plateau. This is consistent with the excess capacity on the first discharge plateau being associated with an irreversible process, such that the magnitude of the subsequent charging plateau is less than discharge. It is noteworthy that the efficiency on subsequent cycles is much closer to 100%, further indicating that the irreversible process occurs mainly on the first discharge. The incomplete conversion of ccp to hcp on the first discharge may be due to polarization; the greater the polarization the earlier the low voltage cut-off will be reached. We have observed small variations in the polarization between cells, with conversions of up to 70%. Detailed work on optimizing the composite electrode structure should help to maximize the conversion. In the case of x = 0.03 material, the discharge plateau is shorter than that for x = 0.07 and the difference between the charge and discharge plateaux is correspondingly less.
The role of non-stoichiometry
Why is it that Li cannot intercalate into stoichiometric LiVO 2 , yet a relatively small amount of excess lithium can switch on a large capacity to intercalate lithium at low voltages? Given the low rate used in Fig. 2 , it is unlikely to be the result of differences in transport properties between the stoichiometric and lithium-rich compositions, that is to differences in ionic or electronic transport. This view is supported by galvanostatic intermittent titration technique (GITT) pseudo-equilibrium measurements, which show the same behaviour as in Fig. 2 . The 2-phase intercalation process involves shearing of the close packed oxide ion layers from cubic to hexagonal stacking. The structure of stoichiometric LiVO 2 shows no evidence of V in the Li layers (site exchange), so the inability to intercalate Li into stoichiometric LiVO 2 is not due to V pinning the alkali metal layers together and inhibiting shearing.
To investigate the difference between stoichiometric and nonstoichiometric materials further, atomistic modelling methods were employed, being well-established tools in the study of defect structures in complex oxides [36] [37] [38] . First, the crystal structures of LiVO 2 , Li 1.07 V 0.93 O 2 and Li 2 VO 2 were reproduced and exhibit good agreement with the experimental structures (see Supplementary  Table S3 ). Simulations of intrinsic defects in stoichiometric LiVO 2 find an unfavourable formation energy of more than 3 eV for Li/V site exchange (comprised of isolated Li + on the V sites, Li Turning to the intercalation of Li into LiVO 2 and Li 1.07 V 0.93 O 2 , Li + must first be inserted into a tetrahedral site, as all the octahedral sites are already occupied. In the case of LiVO 2 the most favourable empty tetrahedral site is located in the alkali metal layers, and shares one face with a V 3+ ion in an octahedral site in the transition metal layers, Fig. 6a are well suited to probing lithium insertion properties and to predicting precise trends in cell voltages. Here we derived cell voltages for lithium intercalation into the stoichiometric LiVO 2 and the Li-rich Li 1+x V 1−x O 2 systems using the total energies from a series of structural optimizations. Table 1 indicates a negative cell voltage of −2.98 V for Li 1+y VO 2 , confirming that the intercalation of lithium into the stoichiometric oxide is unfavourable; lithium plating would occur, at 0 V, before the voltage for intercalation was reached. This result is consistent with the above experimental data, which show no evidence of intercalation into stoichiometric LiVO 2 , and with previous reports 1,2 . In contrast, for Li intercalation into Li 1.07 V 0.93 O 2 a cell voltage of +0.58 V is derived, indicating intercalation into this phase is possible. This is consistent with the neutron diffraction data, discussed above, where evidence for Li intercalation into the tetrahedral sites in the ccp structure was observed; although the calculated voltage is somewhat greater than the average for the sloping region of the discharge curve.
The simulations also produce valuable local structural information, which can be difficult to extract from diffraction experiments alone. Figure 6 indicates that the inserted Li + in Li 1.07 V 0.93 O 2 is displaced slightly from the centre of the tetrahedron towards the The tetrahedral sites share faces with empty tetrahedral sites in the transition metal layers and empty octahedral sites in the alkali metal layers, that is there is no face sharing of occupied sites, leading to a stable structure. By this mechanism it is possible to understand why a small degree of vanadium substitution by lithium can trigger a marked capacity to insert lithium via a 2-phase mechanism.
DFT studies have been extended to calculate the voltage expected for the 2-phase reaction, and give a value of +0.23 V, Table 1 , in good accord with the low voltage plateau commencing at ∼0.1 V. As with previous DFT studies [39] [40] [41] , there are small quantitative differences with experimental values, which have been attributed largely to the overestimation of the calculated binding energy for lithium metal. In any case, our calculated trend in cell voltages as a function of structure and stoichiometry confirms the important role that the lithium-rich composition plays in initiating lithium intercalation, and accords well with the electrochemical measurements.
It is interesting to consider the implications of the present work for other layered LiMO 2 compounds. The results presented here indicate that the presence of Li on the transition metal sites should favour Li intercalation and transformation of ccp to hcp in layered compounds. It is noteworthy that compounds such as Li (Li 0 34, 35 . In contrast, Li cannot be intercalated into LiCoO 2 . However, further work is required to corroborate this trend.
In conclusion, the process of lithium intercalation into Li 1+x V 1−x O 2 has been investigated by a combination of computational methods along with powder X-ray and neutron diffraction, focussing in particular on the role that excess lithium plays on switching on intercalation. Whereas Li cannot be intercalated into stoichiometric LiVO 2 , substituting as little as 3% of the V on the transition metal sites by Li is sufficient to promote a 2-phase intercalation process between cubic close packed LiVO 2 and hexagonal close packed Li 2 VO 2 at potentials of ∼0.1 V. The process may be reversed on charging (Li extraction). The results show that the inability to intercalate into stoichiometric LiVO 2 is not due to the presence of site-exchange disorder involving V ions in the alkali metal layers pinning them together, as might have been thought. Instead, we show that substitution of Li for V on the octahedral transition metal sites renders tetrahedral sites in the alkali metal layers energetically accessible by Li, which in turn triggers the shearing of the cubic close-packed oxide ion layers to hexagonal close packing such that two Li per formula unit can be accommodated without face sharing.
Given the importance that Li intercalation into Li 1+x V 1−x O 2 at ∼0.1 V has for lithium battery anodes, and that this occurs only for the Li-rich compositions, the results presented in this paper provide a framework not only for understanding the intercalation process but also for the future design and optimization of low voltage intercalation oxides as anodes for rechargeable lithium batteries.
Methods
Li 1+x V 1−x O 2 was synthesized from lithium carbonate and vanadium oxide using a solid state method. Appropriate ratios of dried V 2 O 3 (Aldrich, 99%) and Li 2 CO 3 (Aldrich, 99 + %) powders were mixed together, placed in a gas-tight container and subsequently ball-milled for 60 min (SPEX Centri-Prep 8,000 M mixer/mill). The mixture was then placed in an alumina crucible, covered with a lid and heated at 800 • C for 10 h under flowing argon. The compound was allowed to cool to room temperature, then heated to 850 • C for 12 h under a flowing gas mixture of 95% argon/5% hydrogen to complete the reaction and obtain a single phase product.
Chemical analysis was carried out by ICP using a Perkin-Elmer Optima 7300DV ICP-OES. The samples of lithium vanadium oxide were carefully weighed out, dissolved in hot aqua regia and then diluted before analysis for Li and V. ICP analysis was carried out by an external company (Butterworths Ltd.). Vanadium oxidation state analysis was performed by double titration following the method described in ref. 45 4 (0.01 M) to measure the total vanadium content of the sample. The average oxidation state of vanadium was given by 5 − (V1)/(V2). Errors, based on the above volumetric analysis are estimated to be ±5%.
Composite electrodes were fabricated using the active material, super S carbon and Kynar Flex 2801 (a co-polymer based on PVDF) binder in a mass ratio of 75:18:7. Electrochemical cells consisting of a Li 1+x V 1−x O 2 composite electrode, a lithium metal counter electrode and the electrolyte, a 1 molar solution of LiPF 6 in ethylene carbonate-dimethyl carbonate 1:1 ((v/v) (Merck)), were constructed and handled in an Ar-filled MBraun glovebox. Electrochemical measurements were conducted using a Biologic Macpile II multichannel instrument. Samples for neutron diffraction were prepared electrochemically. After cycling, cells were transferred to an argon-filled glove box before opening and active material removed. The electrodes were then rinsed with a small amount of dry solvent to remove residual electrolyte. They were left under dynamic vacuum overnight to ensure all solvent had evaporated. The samples were then transferred to 2 mm quartz capillaries.
BET surface areas were determined using a Hiden IGA porosimeter. Powder X-ray diffraction patterns were obtained on pristine material using a Stoe STADI/P diffractometer employing Cu Kα 1 radiation operating in transmission mode. Data from cycled materials were obtained on a similar diffractometer with the samples sealed in capillaries. Time-of-flight powder neutron diffraction data were collected on the POLARIS high-intensity, medium resolution instrument at ISIS, Rutherford Appleton Laboratory (UK). The structures were refined by the Rietveld method using TOPAS Academic 46 . TEM studies were carried out using a JEOL JEM-2011 with an accelerating voltage of 200 keV. TEM images were recorded by a Gatan CCD camera in a digital format.
The two principal computational methods employed were atomistic defect modelling and DFT, which have been applied successfully to other complex oxides [36] [37] [38] [39] [40] [41] [42] [43] [44] . Atomistic defect simulations were performed using the GULP code 47 based on effective interatomic potentials (Supplementary Table S5) , and the shell model to describe electronic polarizability. An important feature is the modelling of lattice relaxation around the point defect, treated by the Mott-Littleton approach 38 . Solid state DFT calculations were performed using the VASP (ref. 48) code, within which the core electrons were represented by ultra-soft pseudopotentials 49 , and the Perdew-Wang (PW91) density functional 50 was used for exchange-correlation. Introduction of Coulombic on-site correlations through GGA + U is now a well-established approach for transition metal compounds, for which we have used U values of 4 eV and 6.75 eV for V(III) and V(II) phases respectively. We note that previous first-principles calculations find strong V(3d) Tables S1 and S2 ).
